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Abstract 

Despite occasional experimental hints, medium range structural order in covalently 
bonded amorphous semiconductors had largely escaped detection until the advent of 
fluctuation electron microscopy (FEM) in 1996.  Using FEM, we find that every 
sample of amorphous silicon and germanium we have investigated, regardless of 
deposition method or hydrogen content, is rich in medium range order.  The 
paracrystalline structural model, which consists of small, topologically ordered grains 
in an amorphous matrix, is consistent with the FEM data; but due to strain effects, 
materials with a paracrystalline structure appear to be amorphous in diffraction 
measurements.  

We present measurements on hydrogenated amorphous silicon deposited by different 
methods, some of which are reported to have greater stability against the Staebler-
Wronski effect.  FEM reveals that the matrix material of these samples is relatively 
similar, but the order changes in different ways upon both light soaking and thermal 
annealing.  Some materials are inhomogeneous, with either nanocrystalline inclusions 
or large area-to-area variation in the medium range order.  We cite recent calculations 
that electronic states in the conduction band tail are preferentially located around the 
boundaries of the nm-scale paracrystalline regions which we have identified.  This is 
new evidence in support of spatially inhomogeneous conduction mechanisms in a-Si.   

The key discovery in our work is that all samples of amorphous silicon must be 
described as having nm-scale topological crystalline order.  This strongly modifies the 
long standing model of a covalent random network.  Our new understanding of 
medium-range order must be considered in all future models of electronic properties 
and the Staebler-Wronski effect.   
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1.  Introduction   
Measuring medium-range structural order in glassy materials is a long-standing 
problem.  Kinematic diffraction measurements reveal that glasses such as SiO2 share 
the same short-range bonding as their crystalline counterparts.  Similarly, pure 
amorphous (a-Si) has approximately the same nearest-neighbor distance, mean 
coordination, and bond angle distribution as crystalline Si.   
The difference between amorphous and crystal structures must therefore lie at 
distances outside the first coordination shell.  Zachariasen proposed the continuous 
random network (CRN) model in 1932 as a structure with a uniform distribution of 
dihedral angles P(φ) [1], but this proposal has been surprisingly hard to test.  CRN 
models constructed by computer with an essentially random P(φ) have reproduced the 
x-ray structure factor.  In simulations of the electronic structure, these models also 
yield reasonable values for the band gap and band tails [2, 3].  However, all these 
characteristics depend mostly on nearest neighbor or next-nearest neighbor 
coordination and strain.   
The underlying problem is that high energy kinematic scattering probes like x-ray or 
electron diffraction or EXAFS are related to the pair correlation function g2(r) [4], 
which is proportional to the probability that two atoms in the sample are separated by 
a distance r.  For a-Si, the best experimental measurement of g2(r) [5, 6] shows a clear 
first-neighbor peak, centered on the crystalline nearest neighbor distance, but 
broadened somewhat by bond length and particularly by bond angle disorder.  
Second, third, and fourth neighbor peaks are also visible, but after that g2(r) has no 
more structure.  This is not a failure in the experiment, but a fundamental difficulty 
with g2(r).  As shown in Figure 1, g2(r) samples the structure in shells of inner radius 
r and outer radius r + dr, counting the number of atoms in each shell.  For large r, 
even small bond angle distortions in the structure produce so many patterns of bonds 
that put an atom in the shell for any r that there is no significant structure in g2(r).  It 
just increases smoothly as r2, the surface area of the shell.   

 
Figure 1: Diagram of the effective search volumes, indicated in gray, of g2(r) and g3(r1, r¸q).  g2(r) 
searches a spherical shell between r and r+dr.  g3(r1, r¸q) searches a small portion of that shell between 
r and r+dr and q and q+dq.  q is measured with respect to r1  g4(r1, r2, r, q) is even more selective: it 
searches a similar volume, but selects only a pair of atoms separated by a distance r2. 
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There have been some tantalizing glimpses of subtle structure at longer range.  
Bellisent et al. [7] and Menelle [8] have reported small angle neutron scattering data 
for a-Si:H, which is mostly sensitive to the distribution of H, which is inconsistent 
with a uniform H distribution.  Menelle interpreted the data in terms of a 
“filamentary” structure of H on a nanometer length scale, which suggests some 
structure in the underlying Si network.  Small-angle x-ray scattering measurements 
also suggest some medium-range structure, which tends to be ascribed to 
“microvoids” [9].  Proton NMR [10], near-edge x-ray absorption fine structure [11, 
12], and Raman spectroscopy measurements [13, 14] all suggest some form of 
structure, but have not been able to determine its character.  These probes are 
sensitive to longer-range structure through multiple scattering of the probe (i.e. 
NEXAFS) or through probing the vibrational modes at low frequency and therefore 
longer range (Raman), but detailed structural information is very difficult to extract 
because of the complicated interaction of the probe with the sample atoms.   
Structure at the nanometer length scale, which we will call medium-range order 
(MRO), is even challenging to define in a meaningful way.  Zachairesen’s original 
proposal leads to one suggestion:  MRO is a nonuniform distribution of dihedral 
angles, which involves fourth-neighbor atoms.  Luedtke and Landman measure MRO 
by correlations between adjacent dihedral angles [15], and Elliot has suggested a 
hierarchy of terminology for different length scales [16].  We could also discard 
atomic position information entirely, and analyze the network in terms of its bonding 
topology.  Ring statistics, which count the number of closed paths of bonds as a 
function of the number of bonds in the path, are one possible approach [17].  These 
measures can all be calculated for computer models, but we are not aware of any 
experimental probes which have been shown to correlate strongly with any of them.   
Operationally, we define medium-range order as physical structure beyond the length 
scale which produces peaks in g2(r), but below the length scale which yields Bragg 
peaks in the structure factor.  For a-Si, this experimentally unexplored territory 
extends from r  = 8 Å, the diameter of the fourth coordination shell, to r = 30-50 Å, 
the minimum crystallite size which shows sharp Bragg peaks in x-ray diffraction.   
We can access direct structural information from this entire range using fluctuation 
electron microscopy (FEM).  In this paper we first describe FEM and summarize the 
experimental results on pure amorphous germanium (a-Ge), silicon (a-Si), and 
hydrogenated amorphous silicon (a-Si:H).  We then describe the paracrystalline 
structural concept which we have developed to explain these results, and the computer 
models we have used to test this proposed structure.  We also discuss the topological 
measurement of MRO using Schläfli cluster analysis, which is particularly well-suited 
to understanding paracrystalline structures.  We then present detailed results on a-
Si:H and discuss the differences created by various deposition methods and by post-
deposition treatments.  We conclude with a brief description of the future of FEM 
measurements and other possible characterizations of MRO using the electron 
microscope.   
2.  Fluctuation Electron Microscopy:  Theory and Practice   
In fluctuation electron microscopy, one utilizes the electron microscope at nanometer-
scale (rather than atomic) spatial resolution to measure high-energy diffraction as a 
function of position across the sample.  This provides a statistical measurement of 
MRO.  The TEM typically uses an electron beam with an energy of 100-300 keV, so 
the majority of the interaction with the sample is kinematic scattering from the atom 
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cores.  The scattering can be analyzed using the first Born approximation and the 
structural interpretability that comes with it.   
Fluctuation electron microscopy is the study of the second moment, or variance V, of 
the diffracted intensity from nanometer-sized volumes.  If I(r, k, Q) is a measure of 
the diffracted intensity from the sample as a function of position r, diffraction vector 
k, and spatial resolution proportional to 1/Q, then 
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where 〈 〉 indicates averaging over position r.   
As originally proposed by Treacy and Gibson [18], I(r, k, Q) is measured by dark-
field TEM.  A simplified ray diagram of this imaging mode is shown in Figure 2.    
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 2:  A simplified ray diagram of a TEM in the hollow-cone dark-field mode used for FEM 
imaging.  All of the angles are greatly exaggerated; in a real TEM the beam stays within a few degrees 
of the optic axis. 

The incident electron beam is tilted away from the optic axis of the microscope, and a 
small objective aperture is placed below the sample in the diffraction plane.  This 
arrangement ensures that only electrons that have scattered through a diffraction 
vector k pass through the aperture and continue on to form the image.  The 
unscattered beam is blocked by the aperture, so areas of the images with no sample 
appear dark, therefore “dark-field” imaging.  The aperture has a radius in diffraction 
space Q, so the real-space point spread function is approximately an Airy function of 
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width 0.61/Q, which determines the spatial resolution.  Since disordered materials 
tend to be isotropic, it is also useful to sweep the incident beam around in a circle 
with constant tilt angle to create an incident hollow cone of illumination.  This 
averages over all the possible directions which have a constant scattering vector of 
magnitude k; the resulting images look like the insets in Figure 3.  This cone of 
illumination also facilitates the detection of larger nanoparticles embedded in the 
amorphous matrix, as shown in Section 5.  The same data set can also be collected by 
nanodiffraction measurements, which we discuss in the last section.  To obtain 
quantitative FEM data, one must make strictly linear measurements of image 
intensity, remove the effects of any large-scale non-uniformities in the sample, and 
properly treat sources of statistical noise in the data [19, 20].  Except as noted, the 
variance curve is the average of ten data sets taken on different areas of the sample, 
and the error bars represent one standard deviation from the mean, which is typically 
larger than errors from statistical noise.   

 
Figure 3:  Typical V(k) data for a-Si.  The positions of diffraction peaks in crystalline and amorphous 
silicon are shown for reference.  Insets show dark field images with the characteristic ‘speckle’ pattern 
of amorphous materials at values of k corresponding to high and low image variance. 

We can think of an image like those in Figure 3 as a map of the diffracted intensity 
from nanometer-scale volumes of the sample.  For a qualitative understanding of how 
the variance of such a map is sensitive to MRO, consider V(k) from two different 
prototypical samples, as shown in Figure 4 [21].  The first sample, Figure 4(a), is a 
completely random distribution of atoms.  If we cut out nanometer-sized volumes of 
this sample, each contains 20-30 atoms, which is enough to reflect the overall 
randomness of the sample, so they all have statistically similar structures.  The 
diffracted intensity from each volume will be similar, and that yields a map with a 
low V.  The second sample, Figure 4(b), consists of randomly oriented, nanometer-
sized regions of correlated structure, i.e., crystals.  Some volumes therefore contain a 
crystal oriented on a Bragg condition, which gives rise to a large diffracted intensity.  
Other volumes contain a crystal oriented between Bragg conditions, which gives rise 
to a very small diffracted intensity.  That describes a map with a high variance.   
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Figure 4:  Qualitative picture of V from two prototypical samples: (a) a completely random collection 
of atoms and (b) a sample consisting of randomly oriented ordered clusters.  V for sample (a) is small 
and shows little dependence on the imaging conditions.  V for sample (b) is large, and varies 
significantly with the imaging conditions.  Taken from Ref. [21]. 

What happens if we then change the imaging conditions?  Changing k means 
changing the diffracting condition.  For the random sample this will not matter, since 
there aren’t any prominent pair spacings, and V(k) is essentially constant.  For the 
ordered sample, V(k) will have maxima and minima at positions corresponding to 
maxima and minima in the structure factor of the crystals, as shown in Figure 3; 
beneath V(k) we also indicate the k values corresponding to typical diffraction peaks 
in crystalline and amorphous silicon.  Changing Q at fixed k means changing the 
sampling volume (via the spatial resolution).  For the random sample, as long as the 
sampling volume is large enough to contain “many” atoms, each volume reflects the 
average structure, and V(Q) is constant.  For the ordered sample, when the sampling 
volume is small with respect to the size of the crystals, each region is sampled many 
times, giving the same intensity each time, which leads to a small V.  When the 
sampling volume is comparable to the size of the crystals, V(Q) is at a maximum.  For 
larger sampling volumes, more and more crystals become included within in each 
volume, the structure of the volumes approaches the average sample structure, and 
V(Q) decreases again. 

This example shows qualitatively that a low V with little structure in k and Q indicates 
a sample with little or no MRO, while a large V, with significant structure in k and Q 
indicates a sample with significant MRO.  Similar considerations dictate that a perfect 
crystal imaged with large enough resolution that individual atoms are invisible will 
have V = 0.  As we discuss below, these broad statements are bourn out by V(k,Q) 
simulations on various computer models.   
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Mathematically, 〈I(k)〉 for electrons, just like for x-rays, depends on only the two-
body correlation function, g2(r), and is given by [22]   
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aQ(r) is the point spread function of the microscope, given by the Airy function.  
Fk(k) describes the illumination conditions.  For simple tilted illumination it is an 
exponential phase factor.  For hollow-cone illumination, it is a J0 Bessel function.  
C1(k) is a function describing scattering from a single atom, and contains no structural 
information.  All the imaging equations are derived in detail and in consistent notation 
in Ref.  [23].   
〈I2(k)〉, however, depends on the three and four-body correlation functions as well1 
[22], and it is these objects which contain information about MRO [21].  
Schematically, 
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F2(k)-F4(k) are combinations of multiple Fk(k) functions, and a2(r)-a4(r) are 
combinations of multiple aQ(r) functions.  B1-B4 are constants, and C2(k) describes 
the structure-independent scattering from single atoms.  In an isotropic medium, the 
vector forms of g3(r1, r2) and g4(r1, r2, r3) reduce to g3(r1, r, θ) and g4(r1, r2, r, θ), 
respectively.   g3(r1, r, θ) and g4(r1, r2, r, θ) retain information at longer length scales 
than g2(r), because their sampling volume is smaller and more selective, as indicated 
schematically in Figure 1 g4(r1, r2, r, θ) can be thought of as a pair-pair correlation 
function:  r1 defines one pair separation, r2 defines another, r is the pair-pair 
separation, and θ is the relative angle between the pairs.  The g4(r1, r2, r, θ) sampling 
volume therefore has two atoms at the origin instead of one, and samples at a distance 
between r and r + dr, and at an angle between θ and θ + dθ.  Ref. [21] discusses these 
ideas in greater detail and provides some supporting model calculations.   
There are two possible FEM techniques:  variable coherence microscopy involves 
systematically varying k at constant Q.  This is easily accomplished in the dark-field 
imaging mode shown in Figure 2 by changing the tilt angle of the incident beam, 
which can be done electronically.  The height of the peaks in V(k) is related to the 
degree of MRO in the sample, and the positions are related to the internal structure of 
any ordered regions.  All of the experimental results discussed here were acquired in 
this mode.   

                                                 
1 In earlier work, Gibson and Treacy had incorrectly assumed that the three-body correlation term 
would integrate to zero, and that the four-body term would be the lowest-order function conveying 
MRO information.  It was later realized that the three-body term must also be considered. 
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Variable resolution microscopy involves systematically varying Q at constant k.  This 
is more difficult in dark-field imaging, since Q is controlled by the physical size of 
the aperture, which is only a few microns and would need to be changed 
mechanically.  (A continuously variable mechanical aperture with the necessary 
capabilities has not, to our knowledge, been constructed.)  Variable resolution FEM 
has been shown in simulations to give a quantitative measure of a characteristic MRO 
length scale of the sample.  Preliminary measurements of this type have recently been 
demonstrated using a scanning TEM in nanodiffraction mode; variable resolution is 
achieved using a virtual objective aperture the effective size of which is controlled 
electronically [20].   

Measuring the full data set V(k,Q) gives a fluctuation map, which contains the most 
possible information.  A longer-term goal in FEM is to invert the data contained in the 
fluctuation map to extract g3 and g4; this is a major theoretical challenge.  At present, 
we perform iterative simulations using model structures, discussed in Section 4 
below, to calculate the variance V which is compared with experiment.   

3.  Experimental Results on a-Ge and a-Si 
Much of the FEM work to date has examined unhydrogenated amorphous germanium 
(a-Ge) and silicon (a-Si) films because reliable structural models of these materials 
can be constructed in the computer [24] and used to simulate FEM data, which can be 
compared with experiment.  It remains a considerable challenge to generate a reliable 
model which contains bonded H.  The a-Ge and a-Si films exhibit structural 
differences as a function of substrate temperature during growth and upon post-
growth thermal annealing; these and related observations provide strong evidence for 
the paracrystalline structural model, described in the next section.   

3.1  Evaporated a-Ge and a-Si:  Gibson and Treacy studied evaporated a-Ge films 
using FEM [25] and determined that (i) the variance V(k) exhibits peaks at k ~ 0.31 
and 0.58 Å-1 (the latter of larger magnitude) which are inconsistent with a CRN 
structure, and can only be explained by the presence of significant MRO; and (ii) the 
variance peak intensities decrease by a factor of ~ 3 upon annealing the film in situ at 
350°C for 15 minutes.  The reduction in V(k) implies that the films relax towards a 
structure with less MRO, i.e., a CRN.  This is contrary to the assumption in the 
literature that annealing an amorphous film not only increases the short range order 
(as observed experimentally by others), but also the MRO.  The authors concluded 
that the MRO in the as-deposited film was metastable with respect to a CRN 
structure.  Treacy et al. found a similar effect in films of a-Si [26] but of smaller 
magnitude; the authors concluded that the as-evaporated a-Si films were more relaxed 
than those of a-Ge.  It has since been found [27] that structural changes in a-Si films 
are strongly suppressed by the presence of a native oxide, which provides a second 
possible explanation for the smaller reduction in V(k) upon annealing.   
3.2  Sputtered a-Si:  We investigated the MRO in a-Si films deposited by magnetron 
sputtering of a Si target in an Ar plasma as a function of the substrate temperature [28, 
29] or  the Ar+ ion flux to the growth surface [30].  Both variables are expected to 
influence the dynamics of adatom incorporation, which provides a way to probe the 
formation mechanisms of MRO. The low pressure (1 mTorr) sputtering conditions 
yield films with mass density 98 % that of c-Si, and an unintentional H content of ~ 
0.1 at. %.   
For substrate temperatures of 200–350°C, the electron structure factor S(k) remained 
nearly constant and indistinguishable from that of a CRN; at the next highest 
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temperature of 440°C, the c-Si 〈220〉, 〈311〉, and higher order peaks were clearly 
observed, and nanocrystals ~ 150 Å in diameter were seen in TEM images.  By 
contrast, the V(k) peaks exhibited a continuous increase in amplitude over the 
temperature range of 200–300°C, as shown in Figure 5, and at 440°C V(k) became 
dominated by the presence of the nanocrystals.  Thus, the MRO increased 
monotonically up to a growth condition at which nanocrystals were detected by 
diffraction.   
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0.00
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)

0.70.60.50.40.3
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 440 °C
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Figure 5:  V(k) for magnetron sputtered a-Si films as a function of substrate temperature during growth.  
Note the continuous increase in variance with increasing temperature.  Taken from Ref. [29]. 

In separate experiments, we increased by means of a magnetic field the flux of Ar+ 
ions to the growth surface at a constant substrate temperature of 230 °C; the ion 
energy was fixed at ~ 20 eV so that the ion impacts would be able to displace surface 
atoms but not induce sub-surface vacancies [31].  As shown in Figure 6, V(k) 
increased monotonically as the ratio of ion flux to depositing Si atom flux (denoted 
neutral flux) was increased from 3 to 39; no nanocrystallites were detected.   

Our results as a function of substrate temperature challenge the long standing view 
that a phase boundary separates amorphous and nanocrystalline silicon.  This idea is 
based on experiments by Veprek et al. in which they deposited a-Si:H films using 
plasma CVD and analyzed the structure using x-ray diffraction [32].  Under various 
growth conditions, nanocrystals were never observed with a diameter below ~ 30 Å, 
as determined by the Scherrer formula.  They argued, in direct analogy with 
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nucleation theory, that smaller grains were not stable due to excess grain boundary 
energy.  Our work suggests a different interpretation: suitable growth conditions can 
continuously increase the MRO in amorphous silicon up to size at which such order 
becomes detectable by x-ray diffraction or conventional TEM imaging:  Veprek’s 
experiments were dominated by a sharp cutoff in the sensitivity of x-ray diffraction to 
order, rather than by a thermodynamic boundary in the stability of such order.  In 
Section 4, we will explain this sensitivity cutoff in detail.   
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Figure 6:  V(k) for magnetron sputtered a-Si films as a function of the flux ratio of low energy Ar+ ions 
(J+) to depositing Si atoms (J0) at a constant substrate temperature of 230°C.  Note the continuous 
increase in variance with increasing ion flux.  Taken from Ref. [30]. 
3.3  Implant amorphized a-Si:  Cheng et al. showed that a-Si formed by ion self-
implantation amorphization of c-Si wafers gives a high V(k) [27, 33].  Interestingly, 
the variance is almost identical to that of a magnetron sputtered a-Si film supplied by 
the Abelson group [33].  The implantation conditions used (Si+ ions in a double 
implant at 300 and 700 keV) produced a relatively flat energy dissipation and 
amorphization to a depth of 1 µm, and corresponded to the spike regime, in which 
local volumes of material are in effect melted and resolidified on a very rapid time 
scale.  It is well established that thermal annealing of implant amorphized a-Si leads 
to a large heat release prior to recrystallization [34].  Cheng found that such annealing 
produced a decrease in V(k) towards that of a CRN, and interpreted, similar to the 
work of Gibson and Treacy on evaporated a-Ge, that the initial state with MRO is 
metastable with respect to a state that is closer to a CRN.  In addition, FEM depth 
profiling revealed that V(k) for the as-implanted sample declined sharply ~ 0.7 µm 
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into the implant, where the calculated population of vacancies is high.  This suggests 
that a large vacancy concentration may be able to promote the relaxation of MRO.   

4.  Structural Models   
As mentioned above, our primary method of interpreting the experimental results is to 
compare the variance data V(k) with simulations based on atomistic structural models 
[26, 35, 36].  We simulate dark-field TEM images from a collection of atomic 
coordinates using well-established techniques [37], then calculate V(k, Q) from the 
images.  Electron microscopy image simulations tend to overestimate the contrast in 
real images [38], so the magnitude of the simulated variance is systematically too 
large compared to the data.  Relative contrasts are much more reliable, so we rely on 
spectral patterns and relative feature sizes in V(k,Q).   
The first conclusion reached based on such simulations was that continuous random 
network models do not describe the MRO of real a-Si or a-Ge [26].  We have tested 
CRN computer models created by (i) quenching from a Si melt using the Stillinger-
Weber potential [15] or the Biswas potential [39], (ii) models created by the Wooten-
Winer-Weaire (WWW) bond-switching algorithm [40], and (iii) models created by 
the more recent Barkema-Mousseau refined WWW technique [41].  As shown in 
Figure 7, none of the CRN models show the characteristic double-peak structure 
observed in the experimental V(k) data discussed in the previous section [26, 36].  
Instead, they show small modulations at random positions, the magnitude of which 
correlates more strongly with the total system size than any other variable.  The size 
of these peaks give some measure of the uncertainty in the simulations created by the 
finite size of the CRN models.   
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Figure 7:  V(k) simulations for a several CRN models prepared using different energy minimization 
schemes, different system sizes, and different empirical potentials.  None of them show the 
characteristic double-peak structure seen in the experimental data. 
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If not a CRN, then what?  Treacy, Gibson and Keblinski proposed a paracrystalline 
(PC) structure [26] based on models originally developed by Keblinski to study the 
amorphous phase found at high-angle grain boundaries in Si [42].  Keblinski found 
that if he made the crystal grains in his grain boundary models very small, the 
calculated g2(r) began to look more like an amorphous material than a crystal.  In fact, 
Keblinski had found a synthesis path to creating a model consisting of very small 
crystalline grains embedded in a CRN matrix.   
Simulated V(k) functions from Keblinski’s three early models are shown in Figure 8.  
These models were synthesized using molecular dynamics by inserting four perfectly 
crystalline grains into an Si melt, cooling below the melting temperature with the 
grains intact, then allowing the system to relax [36].  The models vary in the size of 
and volume fraction occupied by the grains.  This is an entirely unphysical synthesis 
route, but it resulted in models which have the characteristic double peaks in V(k) 
observed experimentally [26].  Despite the small size of the models, the peaks in V(k) 
are ~ 10 times larger than the size-dependent structure observed in the CRN models.  
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Figure 8:  V(k) simulations for three early Keblinski paracrystalline structural models and the 
Stillinger-Weber CRN.  In order from the largest, densest paracrystalline grains to the smallest, least 
dense grains, the models are: PC-K2, PC-K1.5, PC-K1, and CRN-K1.  The smooth curves are a guide 
to the eye.  Taken from Ref. [36]. 

As pointed out recently by Drabold [24], none of the model synthesis methods for 
amorphous materials is physically realistic; what matters is that the method naturally 
favor the atomic coordination which is known to exist on the final structure.  MRO 
can then be studied in the context of a realistic short range order.  The problem with 
melt-quench methods is that liquid Si has nearly 6-fold coordination, which is 
difficult to remove during ~ 1 ps of simulated annealing.  By contrast, the WWW 
method maintains 4-fold coordination by construction, which yields a physically 
realistic network.  Moreover, it has been shown that the relaxation of a Si network 
actually involves bond switching events [43]. 
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The calculated g2(r) for the model with the least MRO also a good fit for the 
experimental g2(r) measured by x-ray diffraction, as shown in Figure 9.  (Models in 
which the grains are too large show extra peaks in g2(r) that are not present in 
experiments on a-Si.)  All the PC models are rendered diffraction amorphous by two 
factors.  First, the grains occupy a relatively small volume fraction of the model, so 
their diffraction signature must compete with a significant background from the 
intergranular material.  Second, the grain boundaries create a significant strain field in 
the ordered regions, extending a least 1 nm from the center of the boundary [42].  
Once the strain fields from opposite boundaries of a grain overlap, there is no longer 
any unstrained material remaining.  The grains remain topologically ordered in that no 
internal bonds are broken, but the strain significantly reduces the intensity of the 
Bragg peaks (in real space, smears out the sharp peaks in g2(r)). 
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Figure 9:  g2(r) for the Keblinski model PC-K1 [26, 36] and a Nakhmanson PC model [35] compared 
to experimental data for a-Si measured by x-ray diffraction [5, 6].  Despite having significant MRO as 
shown in V(k), the PC models are a good match for the experimental RDF. 

All of the amorphous films which we have been examined to date – a-Ge, a-Si, and a-
Si:H produced by various deposition methods, as well as a-Si produced by ion 
implantation of c-Si – exhibit clear peaks in V(k).  We therefore conclude that while 
the CRN is a useful ideal, representing a maximally disordered material, the 
paracrystalline structure is a better description of real tetrahedral amorphous 
semiconductors.  At the same time, the intergranular regions in our models of 
paracrystalline Si appear to be a CRN in terms of their bond length, bond angle, and 
dihedral angle statistics [36].  Thus, even a material with the largest possible fraction 
of paracrystallites is expected to contain some CRN-like material.   
The earliest Keblinski models [26] were synthesized using a melt-quench algorithm 
with the Stillinger-Weber potential, and had an unacceptably high concentration of 
coordination defects, approaching 50% in the worse cases.  (This problem is shared 
by CRN models synthesized the same way [15].)  Electronic structure calculations 
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showed that these models were almost metallic, they had so many states in the band 
gap [36].  This situation was greatly improved by employing the EDIP potential [44], 
which resulted in models with coordination defect densities as low as 10 % [36].  
Interestingly, this change did not affect the simulated V(k) strongly, which indicates 
that FEM is relatively insensitive to short-range structure like dangling bonds.   

Nakhmanson et al.  [35, 45] later developed a PC synthesis method based on the 
WWW bond-switching algorithm.  Crystalline grains were introduced into a random 
matrix while maintaining four-fold configuration.  The structure was relaxed with 
WWW bond-switches.  In the initial stages, bonds inside the grains were not allowed 
to switch.  This produced PC models with perfect four-fold coordination by 
construction.  The models then received a post-synthesis MD annealing with the EDIP 
potential without restrictions; this produced < 0.1% coordination defects, indicating 
the as-synthesized models are a robust metastable configuration.  These models show 
V(k) in the best agreement with experiment so far, a clean electronic band gap, a 
vibrational density of states in good agreement with inelastic neutron scattering 
measurements, and an acceptable g2(r) [35].  This agreement with multiple 
experimental data sets, including FEM, suggests that these are the best currently 
extant models of a-Si without hydrogen.   
To understand these models, we need a quantitative method to detect the presence and 
size of the paracrystalline grains after the synthesis by MD annealing or WWW bond 
switching.  In particular, we need to determine whether the initial configuration of 
grains, which was introduced by hand into the model, is relatively stable 
thermodynamically, or whether some (or all) of the grains dissolve.  Finding the 
grains after synthesis is difficult, primarily because the grains are heavily strained.  
We therefore turn to analysis of the bonding topology, which is relatively insensitive 
to the effects of strain.  Atoms are considered bonded if they are within a certain 
distance of one another.  We use a cutoff distance of 2.6 Å, which is 10 % longer than 
the crystalline distance of 2.35 Å; thus, even considerably strained bonds are 
considered intact.   
The most common topological measure for a structure is the ring statistics [17].  A 
ring is the shortest closed path of bonds beginning and ending on the same atom.  The 
size of the ring is simply the number of bonds it contains.  In the context of the PC 
model, we are particularly interested in crystalline topology.  Crystalline Si contains 
only six-member rings, but amorphous models contain 5- and 7-member rings as well.   
Treacy, Voyles and Gibson [46, 47] have developed a more selective topological 
diagnostic than the ring statistics, the Schläfli cluster.  Based on the local cluster 
concept of Marians and Hobbs [48, 49], the Schläfli cluster of an atom is the 
collection of atoms and bonds involved in all the rings emanating from the central 
atom.  The cluster is labeled by computing the size of the rings closing each pair of 
bonds emanating from the central atom.  A c-Si atom has four bonds, therefore six 
pairs of bonds, each of which closes a six ring, so the label is 62ּ62ּ62ּ62ּ62ּ62.  (This 
notation is due to the 18th-century mathematician Schläfli [50], therefore the Schläfli 
cluster.)  The label is completed by the number of atoms in the cluster, so the c-Si 
cluster, shown in Figure 10, has the label 62ּ62ּ62ּ62ּ62ּ62:29.  
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Figure 10:  The 62ּ62ּ62ּ62ּ62ּ62:29 Schläfli cluster of crystalline Si.  The black atom is the center of 
the cluster.  Each of the six pairs of bonds emanating from the central atom closes two six-rings, thus 
the label has 62 six times, and the cluster involves 29 atoms total. 

Hobbs et al. have shown that all small-unit cell (i.e. excluding zeolites) four-
connected crystals have uniquely labeled Schläfli clusters in this scheme [48].  We 
therefore define any atom with a Schläfli cluster found in a crystal as “topologically 
crystalline.”  It is straightforward to calculate the Schläfli cluster for every atom in a 
given model, then search for topologically crystalline atoms, and connected groups of 
topologically crystalline atoms.  We identify each connected group as a 
paracrystalline grain in our models.   

The size and volume fraction of the paracrystalline grains provide a new and 
improved measure of MRO in models, and one which is well-correlated with the 
experimental results from FEM [36].  It is quite a strong measure of MRO, since none 
of the CRN models we have tested contains even one topologically crystalline atom.  
And, unlike correlated dihedrals or rings of a certain size, there is no pre-determined 
length scale – the connected clusters of topologically crystalline atoms can grow or 
shrink as the model demands.   
Figure 11 shows the topologically crystalline grains in two of the Keblinski models, 
both of which started synthesis with 4 grains.  In the model on the left, the initial 
grains contained 32 atoms and only two of the grains have survived the energy 
minimization.  In the model on the right, the initial grains contained 64 atoms (the 
model is twice as large and the grains are father apart), and all four grains have 
survived.  Modeling studies are currently under way to examine the grain stability as a 
function of grain size, volume fraction, and packing; the results will allow us to 
bracket a region of paracrystalline grain stability (as limited by the constraints of the  
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relaxation method).  Then, by comparing V(k, Q) simulations from these models to 
experimental data, we hope to further constrain the grain properties of the real 
material. 

 
Figure 11:  The topologically crystalline grains in models PC-K1 and PC-K2.  Both models start 
synthesis with four crystalline grains.  The starting grains in PC-K1 are smaller in size than in PC-K2, 
and only two of the grains in PC-K1 survive the energy minimization, while all four survive in PC-K2.  
Taken from Ref. [46]. 

From a thermodynamic viewpoint, it is interesting to regard the grains as nuclei which 
are predicted to dissolve below a critical size and to grow above it, just as in classical 
nucleation theory.  Here, the excess free energy associated with the paracrystallite-
CRN boundary also includes a significant strain field [26, 51].  Recent MD 
simulations of annealing have yielded evidence for just such a critical size:  Bording 
and Tafto placed a grain of crystalline Ge in a matrix of a-Ge and found grain growth 
above a critical size of ~ 20 Å and dissolution (back to a CRN) below it [52]; in a-Si, 
Nakhmanson observed crystallization events once nuclei of ~ 16 Å diameter had 
formed [53].  These particle diameters are dependent on the details of the annealing 
simulations and should not be over-emphasized; still, both numbers fall exactly in the 
range of the paracrystallite sizes in our models and of the resolution (~ 15 Å) used in 
the FEM experiments that yield significant V(k).   
The structural models also allow us to understand and analyze the information from 
the FEM technique.  Extensive analysis of the Keblinski models shows that the height 
of features in V(k) correlates with every other tested measure of MRO, such as 
correlations among dihedral angles, and the ratio of the transverse acoustic to 
transverse optical band intensities in the Raman spectrum and vibrational density of 
states [36].  The correlation length Λ extracted from the simulated V(Q) as suggested 
by Gibson, Treacy, and Voyles [22], has a monotonic correlation with all these 
quantities as well.  Figure 12 shows that Λ is monotonic in the paracrystalline grain 
fraction of the model determined by Schläfli cluster analysis.  This is particularly 
important because it makes a direct connection between the bonding topology and an 
experimentally measurable quantity.   
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Figure 12:  The simulated variable resolution correlation length L as a function of the percent of atoms 
in the model involved in the paracrystalline grains.  The line is a linear fit given as a guide to the eye. 

5.  Experimental Results on a-Si:H and Discussion  
We previously reported the variance V(k) of a-Si:H films deposited by plasma CVD 
(at the leading solar cell manufacturers United Solar Systems Corporation and BP 
Solar), by hot wire CVD [54] (at the National Renewable Energy Laboratory), by 
plasma CVD in the nanoparticle formation regime [55] (at the Ecole Polytechnique, 
Paris France) and by reactive magnetron sputtering [56] (in the Abelson laboratory at 
UIUC).  The main conclusions of these earlier studies are that:  (i) All films exhibit 
structure in V(k) and are therefore rich in MRO [57].  (ii) Despite the significant 
variation in growth fluxes – ranging from Si and H atoms to SiH3 radicals to Si:H 
nanoparticles – V(k) is more similar than it is different in all the resulting films.  (iii) 
For a film deposited by reactive magnetron sputtering, light soaking reduces the first 
peak (k = 0.3 Å-1) in the V(k) signature by a factor of two [58].   
The striking similarity in V(k) among the above films raises an essential issue: is the 
similarity the result of an energetic driving force in amorphous Si:H networks which 
tends to produce characteristic MRO?  Or has the optimization of each process in 
terms of electronic quality led to a similar structure?  The coupling between the MRO 
and electronic properties is not yet established; and, as discussed in Section 6 below, 
significantly more detailed information about MRO can be obtained using the variable 
resolution mode of FEM.    
Here, we present recent results on two types of a-Si:H which reportedly contain 
locally ordered regions and have an enhanced resistance to light-induced degradation, 
with respect to ‘standard’ a-Si:H films.  Figure 13 shows V(k) for a film grown at 
USSC by plasma CVD film with large H2 dilution of SiH4 (conditions near to the 
‘edge’ of those which yield nanocrystallinity) [59] and for a film grown at the Ecole 
Polytechnique by plasma CVD with a high pressure of SiH4, conditions that produce 
nanoparticles in the plasma (the ‘polymorphous’ regime) [60].  At first inspection, the 
materials appear to be nearly the same, although the V(k) peak for the polymorphous 
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film is higher.  However, measurements on different areas reveal that these materials 
are spatially inhomogeneous, but in different ways.   
 
 
 
 
 
 

 
 
 
 
 
 
 
 
Figure 13:  V(k) for a-Si:H films grown by plasma CVD (i) at USSC with large H2 dilution of SiH4 
(‘edge’ material) and (ii) at the Ecole Polytechnique with a high pressure of SiH4 (the ‘polymorphous’ 
regime).   
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 14:  Dark field TEM images (for k = 0.55 Å-1) and the unaveraged V(k) traces for two different 
locations on the H2 diluted USSC film.  The area on the left represents typical matrix a-Si:H material; 
the area on the right includes a nanocrystallite immersed in this matrix. 
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Figure 14 shows dark field images (for k = 0.55 Å-1) and the unaveraged V(k) traces 
for two different locations on the H2 diluted USSC film.  The area on the left 
represents typical matrix a-Si:H material; the area on the right includes a large (~ 10 
nm) nanocrystallite immersed in this matrix, which greatly perturbs the variance data.   
(In all other instances, we only report V(k) data for the matrix, i.e. by averaging ten 
areas which are free of nanocrystallites.)  This example illustrates the high sensitivity 
of FEM to the presence of nanocrystallites; by contrast, the search for small crystals 
in high resolution TEM images is fraught with difficulties [61].  Hollow-cone 
illumination is particularly useful for finding nanocrystals: it increases the number of 
Bragg conditions that make the nanocrystal appear bright, and if the image is viewed 
in real-time, the nanocrystal will flash as the beam sweeps around the cone.  The use 
of H2 dilution has been observed to sharpen the x-ray ‘first sharp diffraction peak’ of 
a-Si:H, but this effect is due to the dilute population of nanocrystallites [62], rather 
than due to a change in the MRO of the matrix [57].  
We also measured a USSC film which was deposited without the H2 dilution.  The 
variance of the matrix was essentially identical to that of the film shown in Figure 13, 
however, no nanocrystallites were found in any of the images.  Because the FEM data 
indicate no difference in the MRO of the a-Si:H matrix, the better electronic stability 
obtained with H2 dilution appears to be associated with the presence of the 
nanocrystallites [57].  Indeed, capacitance-based defect spectroscopies have found 
unique electronic transitions associated with nanocrystalline inclusions [63], and these 
transitions modify the early time kinetics of the SWE [64]. 
The polymorphous a-Si:H films are inhomogeneous in a different manner.  Figure 15 
shows individual V(k) traces from different areas of samples deposited using higher 
(left) and lower (right) pressures of SiH4 feedstock.  At the higher pressure, which 
corresponds to a high electronic quality, there is a pronounced variation in the 
amplitude of V(k).  All amorphous samples, regardless of origin, exhibit area-to-area 
variations in FEM, but this particular sample is conspicuous because it has the largest 
variations which we have measured to date.  Unlike the USSC film, no nanoparticles 
were detected.  The presence of nanoparticles tends to increase the amplitude of the 
second peak in V(k), but the first peak dominates in the polymorphous films.  It is 
surprising, and not at all understood, why the variance of an image measuring 50 × 50 
nm should itself vary over the sample surface when the growth flux contains only 
units of few-atom dimensions.  Nanodiffraction-based FEM may be necessary to 
provide detailed insight into the structure of polymorphous films.   
5.1  Stability of paracrystalline grains:  We [51] proposed that paracrystallites are 
formed when crystalline grains nucleate rapidly at the film growth surface but are 
constantly buried by newly-formed grains, which limits their size to a few 
nanometers.  The formation of internal boundaries between the grains induces a strain 
state (as demonstrated by the MD models) which raises the energy of the system, such 
that the paracrystalline state is metastable.  This assumes that the energy of a free 
surface – the nascent grain facing into vacuum – is less than that of an internal 
boundary.  One may then ask how the paracrystallites will evolve if network 
relaxation is allowed kinetically:  is there a critical size, analogous to nucleation 
theory, below which they will to relax towards a CRN, and above which they will 
coarsen towards nanocrystalline grains?  This hypothesis has some similarity to the 
ideas of Veprek, but in our model no real phase change is involved and the origin of 
the excess energy is related to the strain fields.   
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Figure 15:  Unaveraged V(k) traces from different areas of samples of polymorphous a-Si:H deposited 
using higher (left) and lower (right) pressures of SiH4.  At the higher pressure, which corresponds to a 
high electronic stability, there is a pronounced spread in the amplitude of V(k) from area to area. 

To test for network relaxation, Gerbi et al. [30] have explored the effect of implanting 
atomic H into the growing film during sputtering.  Our in situ and computational 
studies of reactive magnetron sputtering using a plasma of Ar + H2 show that plasma-
generated H2

+ ions are accelerated towards the Si target (cathode) and reflect from it 
as fast neutral H atoms which then impinge on the film in a broad distribution of 
kinetic energies, with a maximum of 200 eV and an average of ~ 100 eV [56].  The H 
recoils shake Si atoms around with kicks of a few eV that should be sufficient to 
overcome configurational barriers, but the maximum energy transfer during a H-Si 
collision is, however, not sufficient to displace Si atoms (create vacancy-interstitial 
pairs as in c-Si).   

Changing isotopes from H and D allows us to change the energy deposited in the film 
at constant flux and incident energy.  Binary collision (TRIM) simulations for the 
reflection of H2

+ vs. D2
+ ions at the Si target surface show that neither the flux nor the 

energy distribution of the reflected fast neutrals (H vs. D) depends significantly on the 
isotope because of compensating effects during the multiple scattering process.  In the 
growing film, however, the fast D atoms deposit twice as much energy as fast H 
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atoms, in the form of momentum-transfer recoils to a depth of ~ 50 Å [65].  The 
assumptions in the TRIM code remain valid down to a particle energy of ~ 10 eV for 
H, which is sufficient.   
Changing the isotope from H2 to D2 has significant effects on the MRO at constant 
substrate temperature [30].  In the regime of a-Si:H growth (low pressure of H2 or D2 
injected into the plasma) the use of D2 reduces the variance V(k) as shown in Figure 
16.  The second peak (k = 0.55 Å-1) decreases much more than the first peak, such 
that the second peak dominates in a-Si:H and the first peak dominates in a-Si:D.  
Also, the first peaks shifts to slightly lower k using D.  (Shifts in peak heights and 
positions are also visible in the a-Si substrate temperature series, Figure 5.)  At 
present we cannot interpret these changes in a quantitative manner because we have 
not yet synthesized MD models with bonded hydrogen in order to simulate and match 
the FEM data, but such efforts are underway.  The data clearly show, however, that 
the injection of kinetic energy into the subsurface of the growing film strongly 
modifies the paracrystalline structure. 

 
Figure 16:  V(k) for a-Si:H grown by magnetron sputtering using either H2 or D2 injected into the 
plasma; the use of D2 reduces the variance V(k) due to increased momentum transfer to paracrystalline 
grains, which relax towards a CRN.  Taken from Ref. [30]. 

By contrast, in the regime of nanocrystalline Si growth (high pressure of H2 or D2 
injected into the plasma) the use of D2 increases the degree of nanocrystallinity, as we 
have shown using TEM, Raman, and spectroscopic ellipsometry measurements [66].   
In related work, we showed that a flux of fast H atoms can transform a-Si:H into 
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nanocrystalline Si:H below the growth surface as soon as crystalline nuclei have 
formed [67]. 

These results are consistent with a critical stable grain size.  In the a-Si:H growth 
regime, the paracrystallites are metastable and the network relaxes towards a CRN; in 
the nanocrystalline case, larger grains exist which are thermodynamically stable and 
tend to coarsen.  To the extent that thermal H atoms supplied from the plasma can 
also facilitate network relaxation – by inserting into Si-Si bonds, which allows them 
to dilate – then similar effects can (and do!) occur during plasma CVD with H2 
dilution of SiH4.   
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 17:  V(k) for the a-Si:H samples of Figure 12 in the as-deposited state, after light soaking (LS), 
and after light soaking plus thermal annealing (LS + AN); see text for experimental details.  The 
changes are significant, and even the sign of the variance change can vary between films. 
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5.2  Photostructural changes in a-Si:H:  A central issue in the science and 
technology of a-Si:H is the Staebler-Wronski Effect, i.e. the formation of metastable 
midgap electronic defects by prolonged exposure to above bandgap light or the 
injection of excess free carriers from doped contacts.  As discussed extensively 
elsewhere in this volume, models of the SWE have traditionally been based on local 
defect reactions.  However, recent experiments using IR absorption, NMR, XPS, and 
volume dilation show that structural relaxations also occur, which involve tens to 
thousands of Si atoms per defect created [68].  It is of great importance to understand 
the origin of these structural changes and their possible relationship with the creation 
of Si dangling bond defects.   
We find that V(k) in the a-Si:H samples which are reportedly the most stable is 
modulated by a small but significant amount upon light soaking (projector bulb at 1.2 
W/cm2 for 200 hours, substrate maintained at 40°C) and subsequent thermal 
annealing (200°C for 1 hour in N2).  Figure 17 shows the data for the H2 dilution 
sample and the higher pressure polymorphous sample.  Interestingly, even the sign of 
the variance change can vary between films, as we reported for preliminary light 
soaking experiments [23, 58].  V(k) as we measure it is an average property of the 
whole sample.   Even a large change in the positions of just a few atoms would not 
produce the effects we observe; a significant fraction of the atoms in the sample must 
be involved.  Thus, our observations provide substantial evidence for changes in the 
microstructure of a-Si:H films as a function of light soaking.  We hesitate to make a 
more specific interpretation until we can correlate the changes we detect with other 
structural probes and with the SWE.  It will be critical to distinguish between the 
reversible portion of any changes in MRO and any irreversible relaxations from the 
as-deposited state.   
It has been speculated that the a-Si:H network consists of two types of structural 
regions (which we will not refer to as phases), and that light soaking causes a small 
redistribution of atoms from one type to another [69].  In the context of the 
paracrystalline model, these regions would be the ordered grains and the matrix.  Note 
that such modulation need not involve the long-range diffusion of Si atoms, only a 
change in bonding topology such that atoms leave the matrix and join the grains, or 
vice-versa, as in solid phase regrowth.    This argument assumes that specific 
structural sites are causally related to the SWE, e.g., that the density of highly strained 
Si-Si bonds, which are the candidate sites for defect formation [70], varies with the 
modulations in the network.  To support this line of thinking, it will be necessary to 
show that reversible changes occur in the MRO (or that similar changes can occur 
many times in the same sample) which correlate with the SWE defects; that such 
changes can be explained using reliable structural models and are consistent with 
other experimental data; and that the models predict a reversible change in the density 
of strained bonds.   
In related work, Yu et al. found that exposure of a-Si to high doses of x-rays (up to 1 
photon/atom at 4 keV) greatly delays the onset of solid phase crystallization when the 
samples are annealed at ≥ 450°C; such a delay indicates that the sample has no pre-
existing nuclei [71].  By contrast, samples which were not exposed began to 
crystallize immediately at high temperature, indicating the presence of nuclei.  This 
work shows, empirically, that x-ray exposure can cause small ordered regions in the 
as-deposited material to relax towards an amorphous configuration.   
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6.  Conclusions and Future Prospects   
Using the technique of fluctuation electron microscopy, we have shown that medium 
range structural order exists in all samples of amorphous Si, Ge, and hydrogenated 
amorphous silicon which we have measured to date; these samples were grown using 
a variety of PVD and CVD techniques.  The paracrystalline structural model, 
consisting of small, topologically ordered grains in an amorphous matrix, is consistent 
with the available data, including the fact that strain effects render this order invisible 
to diffraction measurements.   We present data for different samples of hydrogenated 
amorphous silicon that reportedly have greater stability against the Staebler-Wronski 
effect.  The matrix material of these samples is relatively similar, but the order 
changes in different ways upon both light soaking and thermal annealing.  These 
samples are also inhomogeneous, having either nanocrystalline inclusions or larger 
area-to-area variation in the medium range order.   
6.1  Implications of the paracrystalline model:  All of the samples which we have 
measured contain MRO, which we have ascribed to paracrystallites.  This raises the 
question, does the order have significant new ramifications, or does it simply 
represent a more detailed description of the structure, with all other properties 
unchanged?  We have two answers.   
First, the paracrystalline model is proving to be essential for explaining the details of 
electronic transport in a-Si:H.  Drabold recently calculated the conduction band tail 
states in a paracrystalline model of a-Si and found them to be spatially located at the 
grain boundaries [2].  This implies an aspect of percolation in the transport problem; 
percolation has also been invoked to explain the noise power spectrum [72].  Of 
course, it is crucial to determine if the conduction band tail states have a similar 
spatial distribution in hydrogenated a-Si:H, which requires the development of a 
suitably large and reliable atomic model.   
Second, our current FEM experiments function mainly at the level of fingerprinting 
and comparison:  a given sample has more or less MRO than another.  Future work 
using nanodiffraction on the STEM to obtain fluctuation maps V(k,Q) will better 
elucidate and quantify the structural differences between samples as a function of the 
growth method, light soaking, and thermal annealing.  MRO has a rich phemonology: 
in our variable coherence data, the V(k) peaks change not only in amplitude but in 
relative height and in peak position.  However, the use of a fixed Q makes these data 
less sensitive to MRO on lengths scales far from 1/Q.  Detailed interpretation will also 
require a suitable set of MD models in order to compare simulated and measured data.  
Once identified and correlated with the SWE this detailed understanding of MRO can 
guide film growth efforts towards improved properties, especially stability.  In our 
view, it is fundamentally unclear whether the most stable a-Si:H film will involve a 
minimum or maximum in the MRO.  Future work may shed light on other unresolved 
issues involving the structure, such as the lack of the internal friction signature 
otherwise universal to amorphous materials in a-Si:H films deposited by hot wire 
CVD [73].   
6.2  Depth dependence of MRO:  FEM measurements must be performed on a 
freestanding film only ~ 200 Å thick.  All the films discussed above were deposited to 
this thickness on Al foil or NaCl substrates; the substrates were then dissolved off and 
the flakes captured on Cu TEM sample grids.  Our work to date has not tested for the 
possible influence of the substrate material on the MRO, or the evolution of MRO as 
a function of film thickness.  Interface effects are presumably not large because the 
nucleation and coalescence of a-Si:H on most substrates is complete by a thickness of 
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~ 20 Å, and is followed by the growth of material with “bulk” properties.  Recently, a 
differential thinning method for Si films has been developed [27] which permits the 
evaluation of a ~ 200 Å thick slice located at arbitrary depth within the sample.  This 
technique, in possible combination with cross-sectional sample preparation, will allow 
us to test for internal variations in MRO.  Interesting possible studies include MRO in 
a-Si:H near to the a-SiNx:H interface in thin film transistors, or as a function of 
position in p-i-n solar cells, or at the boundary between amorphous and 
nanocrystalline layers.   
6.3  Study of amorphous alloys:  The FEM technique is also applicable to 
amorphous alloy films such as silicon nitride or silicon carbide.  We fully expect that 
these materials will show both MRO and spatial variations in the experimental data.  
As in the case of amorphous silicon, interpretation of the data requires that we 
synthesize reliable structural models in the computer, simulate the FEM data, and 
iteratively match with experiment.  However, the generation of such models is a 
challenging undertaking, the more so because the useful electronic materials contain 
bonded hydrogen and are therefore ternary alloys.  Still, the FEM data should increase 
monotonically with the degree of MRO and will elucidate any major trends.   
6.4  Variable resolution FEM using nanodiffraction:  The next main development 
in the FEM technique will be implementing FEM measurements via nanodiffraction 
instead of dark-field imaging.  In this mode, the I(r, k, Q) data set is collected by 
using the electron microscope lenses to form a nanometer-diameter electron probe, 
positioning it on the sample, and collecting data with an angle-resolved detector in a 
diffraction plane.  r is changed by moving the probe, and all of the k data for a given 
r are collected simultaneously.  Q is then related to the convergence angle of the 
probe.  The ray diagram looks like Figure 2 turned upside down. 
Nanodiffraction has several advantages:  first, because we collect essentially all of the 
scattering from every probe position, it should be a more efficient use of the electron 
dose to the sample.  Since damage from the keV electron beam is always a concern, 
minimizing the dose to the sample is important [58].  Second, it is much easier to 
collect data systematically as a function of scattering vector k instead of vector 
magnitude k.  This will allow us to test directly for anisotropy in the MRO.  Third and 
most important, in this imaging mode it is possible to vary Q electronically instead of 
mechanically using the virtual objective aperture in the scanning TEM.  This opens 
the possibility of doing systematic variable resolution FEM experiments, and raising 
the level of quantification of FEM.  Nanodiffraction also holds the best possibility for 
collecting full fluctuation map data sets, V(k, Q), which will give us the maximum 
possible information about MRO. 
Some initial results on nanodiffraction FEM have been achieved [20, 74].  Voyles and 
Muller [20] formed a coherent probe whose FWHM could be varied smoothly from 
0.8 to 5 nm, and demonstrated that (i) the nanodiffraction pattern from an a-Si sample 
varies significantly as a function of probe size and of spatial position on the sample; 
(ii) the V(k) data obtained using the scanning TEM agree quantitatively with those 
obtained using hollow-cone illumination in a conventional TEM; the V(k) data for an 
a-Ge sample are significantly modified by a change in probe size from 1.0 and 2.6 
nm.  These constitute a proof of principle, and we expect to acquire and analyze 
V(k,Q) fluctuation maps in the near future.   
These initial results indicate some drawbacks as well.  In particular, nanodiffraction 
FEM is more sensitive to the stochastic noise in the electron beam, making it more 
difficult to achieve adequate counting statistics.  Nanodiffraction FEM also inevitably 
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measures fewer spatial samples than dark-field imaging FEM, which may make it less 
sensitive to very small differences in MRO.   
6.5  Other methods for characterizing MRO:  Nor is FEM the last word on 
characterizing MRO in amorphous materials with the electron microscope.  McBride 
et al.  [75] recently reported a methodology for measuring g2(r) from small volumes; 
systematic variations in g2(r) from place to place could be a measure of MRO.  
Motivated by the development of FEM, Cowley [76, 77] has proposed a number of 
possible variations using nanodiffraction to study MRO; these include analyzing the 
persistence of spots in the diffraction pattern as the probe is moved across the sample, 
and scanning TEM imaging using a thin annular detector.  These ideas await further 
development (as does FEM), but seem likely to reveal additional information about 
MRO in amorphous materials.   
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